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ABSTRACT

The successful application of SiC/SiC ceramic matrix composites as high-temperature structural materials

depends strongly on maximizing the fracture or rupture life of the load-bearing fiber and matrix constituents.

Using high-temperature data measured under stress-rupture test conditions, this study examines in a

mechanistic manner the effects of various intrinsic and extrinsic factors on the creep and fracture behavior of

a variety of SiC fiber types. It is shown that although some fiber types fracture during a large primary creep

stage, the fiber creep rate just prior to fracture plays a key role in determining fiber rupture time (Monkman-

Grant theory). If it is assumed that SiC matrices rupture in a similar manner as fibers with the same

microstructures, one can develop simple mechanistic models to analyze and optimize the stress-rupture

behavior of SiC/SiC composites for applied stresses that are initially below matrix cracking.
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INTRODUCTION

For long-term structural applications under high-temperature oxidizing conditions, research efforts are

ongoing throughout the world to develop SiC fiber-reinforced SiC matrix composites [1,2]. Since these

SiC/SiC composites are still in their infancy in terms of selecting and demonstrating the optimum fiber,

interphase, and matrix constituents, there currently exists a strong need for studies that mechanistically

analyze and predict the fracture-limited envelope of thermostructual capability provided by currently

available constituents. Thus the objective of this paper is to present mechanistic models concerning the

high-temperature stress-rupture behavior of SiC fibers and SiC/SiC composites of current technical interest.

Since the time-dependent fracture of these materials is controlled by creep-induced flaw growth, these

models are based on key experimental observations made on the creep-rupture behavior for various SiC fiber

types. These observations are important not only because the fibers are the primary structural constituents

controlling ultimate composite rupture, but also because SiC fibers display microstructures and fracture

behavior representative of SiC matrices, which can also carry structural loads in SiC/SiC composites.



SiC FIBER CREEP-RUPTURE

In terms of providing good thermomechanicalreinforcementcapability for SiC/SiC composites,small-
diameterSiC fiber typeswith low oxygencontent,suchasthenon-stoichiometric(C/Si>1)Hi-Nicalon fiber
from Nippon Carbon and the-stoichiometric(C/Si-1) Sylramic fiber from Dow Coming, have many
desirablephysical andchemicalproperties[3,4]. For this reason,considerablecreep-rupturepropertydata
exist for these two fiber types not only as single fibers [3-8], multifilament tows [9,10], and woven fabric

pieces [11], but also as reinforcement for SiC/SiC composites with various types of SiC matrices [12-15].

For example, Fig. 1 shows typical creep strain versus time curves for single Hi-Nicalon and Sylramic fibers

as measured at 1400°C in air under a constant stress of 280 MPa. Rupture points are indicated by the symbol

Ft. Also shown are typical creep curves measured under the same conditions for the oxygen-containing

Nicalon SiC fiber and for the oxygen-free SCS-6 and Ultra SCS SiC fibers from Textron Specialty Materials

[5,16]. As will be discussed, although the large diameter of the SCS fibers limit their formability for

complex-shaped SiC/SiC components, their microstructures are similar to those of SiC matrices formed by

chemical vapor infiltration, a common matrix formation process for SiC/SiC composites.

One important observation from the Fig. 1 data is that all SiC fibers display a primary or transient creep

stage that varies in magnitude depending on fiber type. This effect is typically observed in Si-based

ceramics in which there exists an initial "anelastic" or recoverable creep component controlled by grain-

boundary sliding [17]. Along with the anelastic component, there also exists a 'viscoelastic' or steady-state

creep component, which is typically accompanied by creep-induced micro-crack formation, resulting in

critical flaw growth and non-recoverable strain. Both components are enhanced by small grain size and by

the high diffusion of impurity second phases in the grain boundaries. Thus the high creep behavior of the

Nicalon fiber can be explained both by its oxygen content and its very fine grain size (-5 nm); while the high

creep of the Hi-Nicalon fiber is primarily due to its fine grain size of-10 nm. The rather large transient

stage for these fibers may also be caused in part by concurrent grain growth during the high-temperature

stress-rupture test [7]. Impurity effects also appear to be responsible for the creep behavior of the coarse-

grained (-100 nm) Sylramic and SCS-6 fibers, which contain boron sintering phases and free silicon,

respectively. This conclusion is supported by the observation that the Sylramic fiber transient stage

decreases significantly by post-treatments that remove boron from the fiber bulk [8], and by the Fig. 1 creep

data for the UItra-SCS fiber, which has the same grain size but no boron or excess silicon. Thus

microstructure plays a strong role in the creep behavior of SiC fibers in particular and SiC-based ceramics in

general.
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Figure 1. Typical creep curves for SiC fibers tested under high-temperature stress-rupture conditions.



Another point not shownin Fig. 1 is that creepratesandtotal creepstrains for a given time periodare
typically increasedfor somefiber typesby testingin anargonenvironment,with the effectbeingthe largest
for theSylramicfiber [6,8]. Althoughtheexactmechanismresponsiblefor this behavioris still unclear,the
sourceappearsto be relatedto decompositioneffects. That is, testing in an argonor inert environments
shouldenhancethe gaseousvolatilizationof atomicspecies(suchas silicon or its oxides) from the fiber
surfaceandfrom within thefiber bulk eitheralonggrainboundariesor throughopenporosity. Onthe other
hand,testing in air can form a silica coatingon the fiber surface,which will effectively sealoff gaseous
volatilization from thebulk. As for POssib!e_v_olatiz_ogspeciesfor the S_lra____m_j__cfib_e.r,thi_Ltygedo_escontain
second-phaseimpurities,sucha_Qron andTiB2. Hgwe_v_er,_theirremoya!._sho__uld__onlyreduce_..ra_.ther_than
enhancecreep Therefore,at thepresent time,it would appearthatthemost likely_sp__eciesfor volatilization
is silicon from theSiCgrains,which in turn canfedti-dUg2aq-/i-_i-Z_iidenhancefiber creep_r__ate.Ind_
effect shouldbeespeciallyobservable-int/ie-S-y-i?a-mlc- g r,wrii g-i aS the smallest diameter (_10 gm) and

therefore the largest surface to volume ratio of all the Fig. 1 fibers_--Tiausi"t'-_bS-ia--a_e_-n]'c--a-i-]_-o-_-Ot'-v_w,

oneria-ig_-f62iS_b-f_{f'_ren-ces-in-fiber creep b_l_ffv]0rwitiain-a SiC/SiC composite, depending on whether the

fiber surfaces are exposed to inert or to oxidizing environments. However, for most high-temperature

applications of current interest, the typical service environments for the composites are oxidizing; so that

even with porous interracial zones, silica protective layers should eventually form on the SiC/SiC outer

surfaces and effectively inhibit further volatilization of gaseous species from the fiber. It follows then that

for mechanistic modeling of SiC/SiC creep-rupture behavior, the fiber in-situ environment should be

considered; but for most applications, the single fiber data in air should be appropriate.

A final point of interest for Fig. 1 is the rupture life behavior of the various SiC fiber types. In this regard,

some important general observations have been made in previous studies [8,18]. These include: (1) the

activation controlling high-temperature rupture of the SiC fibers is nearly constant and equal to the

activation energy controlling fiber creep; (2) fiber rupture strains for a given test temperature and test

environment are fairly independent of the minimum creep rate at rupture, but are dependent on fiber type; (3)

when the minimum creep rate is enhanced by argon testing, rupture times are shorter, (4) rupture strains are

typically 100% higher in air than in argon; and (5) some of the fiber types rupture before clear attainment of

steady-state creep behavior (see Fig. 1). The energy observation confirms that the most important

mechanism controlling the high-temperature fracture of SiC fibers (and SiC monolithic ceramics) is creep-

induced micro-crack growth. The observations of rupture strain independence on creep-rate and shorter

rupture times under higher creep rates in argon indicate that for each fiber type, a certain amount of micro-

crack growth is required to create the critical flaw size. Thus lower creep rates are conducive to longer fiber

rupture lives. The observation of an approximate doubling of fiber rupture strain in air suggests that the

controlling micro-crack growth is primarily on the fiber surface, where silica formation can blunt the stress

concentration arising from this micro-crack growth. Finally, the observation of rupture before obvious

steady-state creep behavior indicates that viscoelastic creep and micro-crack growth are on going during the

transient stage.

The high-temperature creep curves of monolithic Si-based ceramics, such as pressureless sintered Si3N3 [ 19],

are very similar to those of the SiC fibers. For the monolithic materials, a convenient empirical approach for

modeling rupture time is by use of Monkman-Grant (MG) diagrams that plot the log of average rupture time

versus the log of minimum creep rate at various temperatures [20]. On MG diagrams, the log-log results at

various temperatures typically fall on a set of parallel straight lines that allow average rupture time t to be

described by the simple equation,

t_.m=C (1).

Here d is the steady state (or minimum) creep rate, and m and C are empirically determined parameters.

Using this approach, Fig. 2 shows that the rupture behavior for the five SiC fiber types of Fig. 1 can indeed

be best-fit to straight MG lines using data measured at 1200°C in air and at 1400°C in air for the Hi-Nicalon

fiber. For these lines, fiber creep rate is equivalent to minimum creep rate or to the instantaneous creep rate

at fiber rupture since no tertiary stages were ever observed.



1,000 I '_l_li'-Nicalon
. and

_) __ _icalon

.... ,- ,-..... ,....... , .....
i _ L , i d

i
TIME, L ....... U,ra-SCS''(1200C)
hours 1 _ ...... , .......... ,_ ._ - 'r

_ "\ ::_'_lramic {1200C)

0.1 4- Zhu et al., 1997 (1300C) ', _
O Zhu et al., 1999 (1300C) ]
D Hurst et al., 2001 (1315C)

t

001. ........ ' , , ,,, ,,i , , ,,,,,,r
1E-10 1E-09 1E-08 1E-07

-1CREEP RATE, sec

", CVl SiC Matrix

\T i3oo ) - -
i

J

I I L I I ;;]I I P I I I

1E-06 1E-05 0.0001

Figure 2. Monkman-Grant lines measured in air for SiC fibers, SiC matrices, and SiC/SiC composites.

Fig. 2 also shows that, except for the Nicalon and Hi-Nicalon fibers, the rupture lines of the different fiber

types at 1200°C in air do not fall on one master line as has been observed for various alumina-based fibers

[21]. This can probably be attributed in part to the measured creep rates being larger than the viscoelastic

creep rates due to the presence of variable anelastic creep components at fiber rupture. However, in relation

to Eq. 1, all the lines display approximately the same slope with an m exponent of-l.2. The fact that the m

value is greater than unity indicates that the average fiber rupture strain from the viscoelastic component (=

Ee t) increased with increasing rupture time or decreasing stress on the fibers. Also, by increasing test

temperature from 1200 to 1400°C, all fiber lines shifted upward (>five-fold increase in rupture time for a

given creep rate), like that of the Hi-Nicalon fiber in Fig. 2. However, the Hi-Nicalon line at 1400°C

displayed an m value less than unity, implying reduced rupture strain with longer rupture time. This

reduction in strain with time may be related to detrimental effects associated with long-term microstructural

changes or oxidation. Thus the constant C in Eq. 1 should be dependent both on SiC fiber microstructure

and test temperature, but is fairly independent of fiber stress or fiber cross-sectional area since the creep rate

variation was obtained by changing the applied load on the fibers. It follows then from Fig. 2 that for a

particular SiC/SiC application temperature, one cannot select fiber rupture time independently of fiber creep

rate. For example, up to 1200°C, the only approach for obtaining a 1000-hour fiber lifetime is to assure that

the composite application conditions do not create fiber creep rates more than -10 .8 sec -] for the creep-prone <1"
Nicalon and Hi-Nicalon fibers and more than -10 .9 sec ] for the more creep-resistant Sylramic fiber.
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SiC/SiC COMPOSITE CREEP-RUPTURE

The single fiber results presented above indicate that many intrinsic and extrinsic mechanistic factors control

the high temperature rupture of SiC fiber types of current interest. As an initial step toward understanding

how these factors can in turn affect SiC/SiC composite behavior, the following discussion uses elementary

composite theory and the single fiber data to develop simple mechanistic models for composite fracture at

high temperatures under typical stress-rupture testing conditions. Common practice for these tests is to first

raise the composites to the test temperature in ambient air, and then to increase load to a given level where

creep strain is measured versus time until composite fracture. Typically the load is applied in a direction

parallel to a set of fiber bundles that have an effective volume fraction of from 15 to 25% in the load

direction. In this situation, there are two conditions of practical interest: (A) the maximum applied load is

low enough to initially inhibit through-thickness cracking of the matrix, and (B) the maximum applied load

is high enough to initially cause through-thickness cracking of the matrix, thereby leaving the fiber bundles



bridging thematrix cracksand exposedto thetestenvironment. For this latter situation,the stresson the
bridging fibers can be directly calculatedfrom the compositestress;so that compositerupture can be
predictedbasedon the stressdependencefor creep-ruptureof the reinforcing fibers. The detailsof one
simplerupturemodelfor condition(B) andits verificationdataarepresentedelsewhere[22,23].

For condition(A), amoredesirablesituationfor long-termcompositeuse,theaveragestresseson thefibers
and matrix arenot constant;but changewith time in a complicatedmannerdue to differencesin creep
behaviorbetweenthe two constituents.The initial creeprateof theuncrackedcompositewill generallybe
controlled by the more creep-proneconstituentand the final creep rate by the more creep-resistant
constituent. For modelingpurposes,onecanassumeisostrainconditionswithin the composite,sothat the
measuredcreeprateof the compositeis equalto that of the fiber andmatrix. Assumingnearsteady-state
conditionsarereachedduringcompositelife, it isproposedthatthecompositecreeprateandtheMG linesof
Fig. 2 couldthenbeusedto predictwhich constituentwill rupturefirst for a given SiC/SiCcreeprate. To
determinewhether this model has any validity, it is interestingto note that most SiC/SiC composites
fabricatedtoday contain SiC matricesproducedby chemicalvapor infiltration (CVI). Assumingthese
matricescreepandrupturein amannerequivalentto thatof theUltra SCSfiber, Fig. 2 suggeststhatat any
compositecreeprate at temperaturesof 1200°Cor higher, the CVI SiC matrix shouldcrack before the
Nicalon or Hi-Nicalon fibers rupture. This shouldbe the caseno matter what the fiber stressor volume
fraction within thecomposite. On theotherhand,the Sylramicfibers shouldrupturebeforethe CVI SiC
matrixcracks.

Althoughtherecurrentlyexistsvery little SiC/SiCdatato validatethecondition(A) model,onecanexamine
two recent papersby Zhu et al. who measuredthe creep-rupturebehavior of two types of SiC/SiC
compositescontainingCVI SiC matricesmanufacturedby the samevendor. For the first compositetype
with Nicalonfibers,datatakenat30,45,and60MPaandat 1300°Cin air showlow compositecreepcurves
andrelatively long lives until an abruptandrapid increasein creepstrainoccurs, followed by composite
rupturewithin a time period less than 5% of the original creepstage[12]. This behaviorsupportsthe
predictiondescribedabovein which thefirst abruptchangeshouldbecausedby matrix crackingof theCVI
SiCmatrix, andthefinal failure by ruptureof thefully loadedNicalon fibers. Assumingthis to bethecase,
onecanusethecompositecreepratesandtimesatmatrix crackingto plot thethreecircle datapointsshown
in Fig 2. For the secondcompositetype with Hi-Nicalon fibers, the authorswere actuallyableto measure
thetimesfor CVI SiCmatrix crackingfromperiodichysteresistests[13]. Thetwo squaredatapointsin the
Fig. 2 display thesetime resultsversusthe compositecreepratesat cracking. The observationsthat all
pointsfall very well on thesamestraightline andthatthis line hasan m value of-1.2 strongly support the

assumptions of the condition (A) model. In addition, the matrix cracking line falls below that Ultra SCS

fiber at 1200°C, suggesting that the CVI SiC matrix is not pure and stoichiometric like the Ultra SCS fiber.

Indeed, recent Raman studies on CVI SiC matrices made by the same vendor have detected free silicon in

the matrix bulk [24]. Thus the dashed line can be considered the empirically determined MG line for CVI

SiC matrices fabricated by this particular vendor.

Recently, SiC/SiC matrices have been fabricated with Sylramic fibers and with the same CVI SiC matrix

from the same vendor as the major structural component of the matrix. Stress-rupture data taken in air at

1315°C and composite stresses from 70 to 105 MPa show composite creep curves with a transient and stea_dy

state stage, but with a small tertiary stage before final rupture [15]. Unlike the Nicalon composite of,_

al. fq2}, there was no clear evidence that allowed an understanding of which constituent ruptured first or
wha_'mechanism controlled final rupture. However, if one plots minimum composite creep rates versus the

times at initiation of the tertiary stage, th_a in Fig. 2 shows the range of data points. Since both

the Sylramic fiber line at 1200°C and the CVI SiC line at 1300 °C move up with a temperature increase to

1315°C, the fact that the Sylramic composite data _oints fall closer to the estimated MG line for the CVI SiC

matrix would suggest that the matrix rather than

Clearly more studies are needed to validate the

position of the Fig. 2 MG line for the Ultra SCS

of these SiC/SiC composites could be significa

constituent volume fraction) if CVI SiC matrices

composition than current versions.

7

the Sylramic fiber was responsible for composite rupture. -II:-/v_

accuracy of this condition (A) model. Nevertheless, the _ !

fiber, even at 1200°C, would suggest that the rupture lives ¢_,i£dk)o.

ltly improved at any creep rate (or composite stress or_t_

could be developed that displayed a more stoichiometric,,_



SUMMARY AND CONCLUSIONS

This paper has shown that the high-temperature fracture of SiC/SiC composites is primarily controlled by

creep-induced flaw growth in the SiC fibers and matrices. Thus for composite applications requiring long

service life, it is very important to reduce effects that enhance constituent creep both from within the

microstructure (small grains, impurity phases) and from within the application (high stress, high

temperature, inert environment). Despite these complicating factors, it is also shown that empirical rupture

models, based on fiber and matrix Monkman-Grant diagrams, offer a simple approach for mechanistic

analysis and prediction of creep-induced rupture for SiC/SiC composites and ceramic composites in general.

REFERENCES

1. Brewer, D. (1999). Mater. Sci. Eng., A261, 284.

2. Kameda, T., Itoh, Y., Hijikata T. and Okamura, T. (2000). In: Proceedings of the International Gas

Turbine & Aeroengine Congress, The American Society of Mechanical Engineers, New York, N.Y.,

Paper 2000-GT-67.
3. Ichikawa, H. and Ishikawa, T. (2000). In: Comprehensive Composite Materials, Vol. 1, Eds. A. Kelly,

C. Zweben, and T. Chou, Elsevier Science Ltd, Oxford, England, pp.107-145

4. Tressler, R.E. and DiCarlo, J.A. (1993). In: Proceedings ofHT-CMC-1, Eds. R. Naslain, J. Lamon, and

D. Doumeingts, Woodland Publishing, Ltd., Cambridge, England, pp. 33-49; also (1995). In:

Proceedings of HT-CMC-2, Ceramic Transactions, 57, 141.

5. Yun, H.M., Goldsby, J.C. and DiCarlo, J.A. (1994). In: Advances in Ceramic Matrix Composites II,

Ceramic Transactions 46, 17.

6. Yun, H.M., Goldsby, J.C. and DiCarlo, J.A. (1995). In: Proceedings for HTCMC-2, Ceramic

Transactions 57, 331.

7. Bodet, R., Bourrat, X., Lamon, J. and Naslain, R. (1995). J. Mater. Sci., 30, 661.

8. Yun, H.M. and DiCarlo, J.A. (1999). Ceram. Eng. Sci. Proc., 20 (No. 3), 259.

9. Yun, H.M. and DiCarlo, J.A. (1996). Ceram. Eng. Sci. Proc. 17B, 61.

10. Yun, H.M. and DiCarlo, J.A. (1999). In: Proceedings of ICCM-12, Paris, France, and NASA/TM -

1999-209283.

11. Yun, H.M. and DiCarlo, J.A. (2000). Ceram. Eng. Sci. Proc. 21 (No.4), 347.

12. Zhu, S., Mizuno, M., Nagano, J., Kagawa, Y. and Kaya, H. (1997). Composites Science and Technology

57, 1629.

13. Zhu, S., Mizuno, M., Nagano, Y., Cao, J., Kagawa, Y. and Kaya, H. (1998). J. Am. Ceram. Soc., 81

(No. 9), 2269.
14. Hurst, J.]3., DiCarlo, J.A., Bhatt, R.T, Yun, H.M., and Gorican, D. (1999). Presented at 23rd Annual

Conference on Composites, Materials and Structures, January 1999, Cocoa Beach, Florida.

15. Hurst, J.B., Calomino, A. and Bakalini, G. (2001). Presented at 25th Annual Conference on Composites,

Materials and Structures, January 2001, Cape Canaveral, Florida.

16. Yun, H.M., Goldsby, J.C. and DiCarlo, J.A. (1995). In: HITEMP Review, NASA CP-10178, paper 56.

17. DiCarlo, J.A. (1986). J. Mater. Sci. 21,217.

18. DiCarlo, J.A., Yun, H.M. and G.N. Morscher (1995). In: Proceedings for HTCMC-2, Ceramic

Transactions 57, 343.

19. Wiederhorn, S.M., Luecke, W.E. and Krause, Jr., R.F. (1998). Ceram. Eng. Sci. Proc., 19 (No. 4), 65.

20. Monkman, F.C. and Grant, N.J. (1956). Proc. ASTM, 56, 593.

21. Pysher, D.J. and Tressler, R.E. (1992). Ceram. Eng. Sci. Proc., 13 (No. 7-8), 218.

22. DiCarlo, J.A. and Yun, H.M. (1999). In: Proceedings oflCCM-12, Paris, France.

23. DiCarlo, J.A. and Yun, H.M. (2000). In: Proceedings of the International Gas Turbine & Aeroengine

Congress, The American Society of Mechanical Engineers, New York, N.Y., Paper 2000-GT-640.

24. Eldridge, J. (2000). Private communication, NASA Glenn Research Center.


